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s feature sizes in integrated circuit

(IC) fabrication shrink, the demands

on resists, masks, and processing
equipment may render conventional lithog-
raphy methods cost-prohibitive. Emboss-
ing and molding are simple techniques that
may provide a route to manufacture the
smallest structures. Studies have shown
replication of single-walled carbon nano-
tubes with diameter of 2 nm via molding’
and crack tips of size 0.4 nm via casting.?
Nanoimprint lithography (NIL) offers scal-
able molding of sub-10 nm features over
large areas.* Of the various flow patterns
identified in NIL,> squeeze-like flow has
been identified as the most important in
governing imprint dynamics for high-
resolution molding.>™'2 As IC feature sizes
shrink below 20 nm, NIL molding will ex-
trude polymer features and residual film
thickness to near or below the bulk poly-
mer radius of gyration (Ry). The replication
of molecular-scale features will require a
fundamental understanding of polymer
mechanical properties at the nanometer
scale. Further, translating our understand-
ing of nanoscale mechanical properties to
nanomanufacturing requires an under-
standing of nanoscale polymer mechanical
behavior in appropriate geometries and
processing conditions. This paper investi-
gates molecular-scale polymer mechanical
deformation in a squeeze flow geometry,
molding polystyrene (PS) films having thick-
ness near R,

The properties of thin polymer films can
be different from bulk polymer
properties.'>'* Recent reviews'*'® have
highlighted the influence of substrate inter-
action, stress history, and free surface prop-
erties on the glass transition temperature
(Ty) and other modes of polymer mobility
as film thickness decreases below ~100
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ABSTRACT This paper investigates molecular-scale polymer mechanical deformation during large-strain
squeeze flow of polystyrene (PS) films, where the squeeze flow gap is close to the polymer radius of gyration
(Rg). Stress—strain and creep relations were measured during flat punch indentation from an initial film thickness
of 170 nm to a residual film thickness of 10 nm in the PS films, varying molecular weight (M,,) and deformation
stress rate by over 2 orders of magnitude while temperatures ranged from 20 to 125 °C. In stress—strain curves
exhibiting an elastic-to-plastic yield-like knee, the response was independent of M,,,, as expected from bulk theory
for glassy polymers. At high temperatures and long times sufficient to extinguish the yield-knee, the mechanical
response M,, degeneracy was broken, but no molecular confinement effects were observed during thinning. Creep
measurements in films of 44K M,, were well-approximated by bulk Newtonian no-slip flow predictions. For
extrusions down to a film thickness of 10 nm, the mechanical relaxation in these polymer films scaled with
temperature similar to Williams—Landel-Ferry scaling in bulk polymer. Films of 9000K M,,, extruded from an
initial film thickness of 2R toa residual film thickness of 0.5R,, while showing stress—strain viscoelastic response
similar to that of films of 900K M,,,, suggestive of shear-thinning behavior, could not be matched to a constitutive
flow model. In general, loading rate and magnitude influenced subsequent creep extrusion depth of high-M,,
films, with deeper final extrusions for high loading rates than for low loading rates. The measurements suggest
that, for high-resolution nanoimprint lithography, mold flash or final residual film thickness can be reduced for
high strain and strain rate loading of high-M,, thin films.

nm.">'¢ Polymer film confinement to thick-
ness <100 nm resulted in nonuniform T
profiles across films,'”'® reduced tempera-
ture dependence of viscosity,'® and sup-
pressed particle diffusion.?® The most com-
mon investigations of nanometer-scale
confinement effects on mechanical proper-
ties®! are measurements of the impact of
film thickness and molecular weight (M,,)
on T, of supported and freely standing PS
thin films. Although there is some disagree-
ment about the effect of confinement and
M,, on T for supported PS thin films,**
many independent measurements follow
the empirical relation developed by Keddie
and coauthors,”* which predicts T, reduc-
tion dependent on film thickness and inde-
pendent of M,,.** Measurements of T, how-
ever, at best provide an indirect measure
of chain dynamics, convoluting a time-
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Figure 1. lllustration of squeeze flow nanomolding experiment where a flat punch mold indents a thin film of spin-cast

polystyrene supported by a silicon substrate. A silicon sphere is milled by a focused ion beam (FIB) to produce the die shape
shown in the SEM image, where the diameter of the flat punch is approximately 10 times larger than the polymer film thick-
ness. An AFM scan shows the die shape replicated by imprint into polymer. The nanoimprint mold and substrate both use in-

dependent instruments for heating and thermometry.

dependent relaxation function with the temperature
dependence of the average relaxation time.*'

Only a few measurements have used a mechanical
probe to measure thin-film polymer mechanical proper-
ties, and the studies have not always agreed, possibly
due to differences in measurement technique and sur-
face chemistry. Dewetting dynamics studies have inves-
tigated supported PS films, finding increasing mobility
with decreasing film thickness®> and faster hole growth
rates in films of high M,, rather than low M,,.>>%” Atomic
force microscopy (AFM) measurements of biaxial creep
of poly(vinyl acetate) observed rubbery regime stiffen-
ing of 26 nm films?® rather than enhanced mobility. Nu-
merous drainage flow studies with the surface force ap-
paratus (SFA) have emphasized the importance of
surface interactions influencing thin film mechanical
properties. Polymer squeezed between strongly ad-
sorbing surfaces showed enhanced entanglement in-
teractions beginning at film thickness up to 5 R,,**
while polymer near non-adsorbing surfaces showed no
enhancement of entanglement interactions down to
monolayer film thickness independent of M,,.>° The low
stiffness of the mica cylinders used in SFA drainage
flow studies limits the measurements to either very
soft films with low M,, or melts with low T,.?°7** Other
promising small-strain contact mechanics approaches*
dedicated to solid film testing are emerging but re-
main oriented to testing below T, and are local only in
the film normal direction.

Sensitive local solid mechanics testing of thin solid-
like films has been established, but the methods suffer
from lack of well-defined tip geometry and limited dy-
namic range. For instance, in AFM nanoindentation, if
the tip geometry is poorly defined, then the contact
area and hence stress will be unknown, making com-
parison of data between different measurements prob-
lematic. The dynamic range is limited because the stiff-
ness of the contact needs to be comparable with the
cantilever stiffness to obtain adequate sensitivity. Mea-
suring a dynamic range of material properties requires
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the use of multiple probes, yet the use of multiple
probes exacerbates the problem of poorly defined tip
contact areas.”

Nanoindentation testing®® samples material at a
larger scale than AFM, and the tip geometry is better
defined. However, traditional nanoindentation has
been limited in thin polymer films to high-modulus
glassy materials due to the low stiffness of small-area
contacts in low-modulus materials.>> Furthermore,
rounding defects at nanoindenter tips prohibit quanti-
tative measurements on films thinner than the tip ra-
dius. The lack of well-defined methods suitable for mea-
suring polymer nanomechanical properties over a wide
range of temperatures and materials has resulted in
measured thin-film properties seemingly dependent
upon mechanical testing method. To better understand
polymer mobility modes and effects of spatial confine-
ment on polymer mobility, there is a need for funda-
mental mechanical property measurements of confined
polymer glasses and melts for a range of materials and
controlled surface conditions.

The study of polymer flow at the nanometer scale
offers two challenges. The first and most fundamental
challenge is to be able to make self-consistent mechan-
ical probing measurements over a large range of defor-
mation conditions and to identify the trends in this
measurement set. The self-consistency is critical for
quantitative comparison of the measurements per-
formed at different temperatures, load rates, and mo-
lecular weights over the dimensional range of 1—1000
nm. These experiments are particularly challenging be-
low 100 nm. The second challenge is to understand the
observed phenomena in relation to bulk polymer phe-
nomena. Continuum constitutive models of polymer
mechanics are commonly used to predict polymer be-
havior during bulk flows, but it cannot be assumed that
these models are appropriately applied to nanometer-
scale polymer flows. At present, detailed knowledge of
all relevant initial conditions, boundary conditions, and
deformation history is not yet possible in nanoscale ex-
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periments. Thus, particular care must be taken in mak-
ing these comparisons. Accordingly, this study of
nanometer-scale squeeze flow attempts to avoid all
preconceptions as to the nature of the mechanics.

In order to address the first of these challenges, this
paper presents squeeze flow measurements of sup-
ported PS thin films using a modified nanoindentation
system where the indenter is a flat silicon punch.?” The
experiment features a well-defined contact area and
sufficient instrument stiffness to probe dynamics of
high-M,, PS during extrusions from an initial film thick-
ness of 170 nm at temperatures below and above T
This new materials-testing platform®” has full control of
temperature, provides consistent geometries, and dis-
tinguishes elastic and inelastic straining processes. The
technique allows quantitative stress—strain measure-
ments of polymer thin-film squeeze flow to film thick-
ness <10 nm, which are the conditions relevant for
nanoimprint lithography.

RESULTS AND DISCUSSION

The experiments investigated polymer mechanical
properties under processing conditions relevant to NIL
during large-strain extrusion from an initial film thick-
ness of 170 nm to a residual film thickness approach-
ing 10 nm. Squeeze flow measurements probed the ef-
fect of absolute film thickness in relation to polymer
Ry and M,, on glassy and viscoelastic mechanical re-
sponse. The experiment measured polymer mechani-
cal behavior above and below T in a squeeze-like flow
geometry with a ratio of indenter diameter to initial film
thickness at 10:1. Figure 1 shows the experimental
setup. Indenter and substrates each used separate, in-
dependent instruments for heating and thermometry.

Polystyrene was chosen as the polymer system for
several reasons. First, PS is perhaps the most widely
studied polymer system in terms of thin-film polymer
physics. Second, PS has been used as a model system
in several studies of polymer flow during NIL.'®""2 Fi-
nally, results from measurements of PS are broadly ap-
plicable for any glass-forming polymer system. The PS
films had M,, = 9000K, 900K, and 44K with expected
bulk T, = 100 °C and calculated Ry = 84, 26, and 6 nm,
respectively.

Figure 2 shows representative temperature-
controlled instrumented nanoimprint data illustrating
the range of measurements recorded. Figure 2a shows
drift-corrected load/pressure versus displacement
curves for loading at 125 MPa/s up to 500 MPa, fol-
lowed by 40 s creep at test temperatures from 20 to
125 °C. The second loading up to 900 MPa, used to de-
termine and effectively eliminate thermal drift, can also
be seen. Figure 2b presents the measurements shown
in Figure 2a in another configuration, showing penetra-
tion depth versus time during loading. Figure 2c shows
load versus displacement curves at 120 °C for loading at
load rates from 12.5 to 1250 MPa/s.
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Figure 2. Load-controlled measurements molding 9000K M,, PS at
170 nm film thickness, illustrating the range of measurements re-
corded. (a) Load versus displacement measurements recorded at
isothermal temperatures from 20 to 125 °C: loading at 125 MPa/s
to 500 MPa, hold for 40 s to measure creep, load at 50 MPa/s to 900
MPa, hold for 40 s to measure thermal drift rates, and unload. (b)
Displacement versus time during load at 125 MPa/s to 500 MPa. (c)
Two decades of loading rates were investigated. Loading rate can
modulate material response from apparent yield-free viscoelastic
flow at low load rates (12.5 MPa/s) to elastic—plastic glassy behav-
ior with post-yield flow at high load rates (1250 MPa/s).

Glass-like Mechanical Response. At any given tempera-
ture T close to or less than T,°"', the indentation mea-

VOL.2 = NO.3 = 419-428 = 2008



>

L

3

a Engineering Strain (AH/H)
0.0 0.1 0.2 0.3 0.4 0.5 0.6
1.0F v & v T T r .o L5500
L Y
0.8 | - 400
L =
©
S
= 0.6 |- - 300 3
g | g
g o4l 4200 €
o
i
9000k 1 =2
0.2 © 900k o0 &
s 44k =
125 MPa/sec
0.0 1 i 1 i 1 g L
0 25 50 75 100
Displacement into Surface (nm)
b
500 — r T v T g T T T d
1250 MPa/sec, - -A--9000k |
! - -@--900k
400 125MPaisec o\ | - m-44k -
o A
E & SR 4
5 [
g 300 @, " R ¥ RN -
P Sxg X p 8
7] & 2o S g
2 > \" \I:.\ .‘
& 200 F W NS 7
o 12.5 MPalsec ~y S . &
E [ }:\ N n N
% .
” 100} 8. L
puik | . \.T\\
L —| AN A58
AN W
0 1 4 1 g : \é" -3 1
80 90 100 110 120

Temperature (°C)

Figure 3. Glassy elastic-to-plastic transition behavior for low-
polydispersity 9000K, 900K, and 44K M,, polystyrene at 170 nm film
thickness. (a) Load versus displacement curves loading at 125 MPa/s
to 500 MPa from 20 to 105 °C. A range of over two decades in molecu-
lar weight exhibits nearly identical mechanical response during load-
ing. (b) Mean yield stress measurements loading at rates from 12.5 to
1250 MPa/s and temperatures from 20 to 125 °C. All three molecular
weight films exhibit nearly identical yield stress for any observed load
rate and temperature combination exhibiting the elastic-to-plastic
transition.

surements in 170 nm entangled PS showed highly re-
producible, glass-like stress vs strain response
independent of M,,. Figure 3a shows load versus dis-
placement curves at 125 MPa/s to 500 MPa at 20, 80,
95, and 105 °C for films of M,, = 9000K, 900K, and 44K.
All three samples possessed the characteristic signature
of flat punch indentation of a film of elastic—plastic ma-
terial;® from this we infer, with increasing strain, succes-
sive regimes of recoverable (elastic) deformation,
elastic-to-plastic transition at a specific yield stress, and
post-yield elastoplastic flow. A yield knee was absent in
all films at 20 °C up to 500 MPa load but was found in
other tests to occur at about 700 MPa (see Figure 2a).
The degree of congruence of the curves is remarkable,
with all of the films exhibiting yield at the same elastic
strain and showing identical post-yield stress increase,
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as expected during plastic thinning of bulk materials. In-
creasing temperature softened the polymer, allowing
yield to occur at lower load than at room temperature.
Conversely, increasing the load rate (and thus the strain
rate) hardened the film response, allowing a yield knee
to be observed at temperatures up to 125 °C, 25 °C
above T_”' Figure 3b summarizes all yield stress val-
ues of the different M,, films that could be identified
(within the 10 MPa stress resolution and 125 °C upper
limit of the experiment) over two decades of load rate
at various temperatures above 80 °C. A complete lack of
molecular weight dependence (over two decades) is
evident in this summary.

Viscoelastic Melt-like Mechanical Response (Yield-Free). When
higher temperatures combined with slow enough load-
ing rates extinguished the yield knee, the molecular
weight degeneracy of stress vs strain curves also ceased
to exist. In the absence of the yield knee, no fully recov-
erable strain region was observed in stress vs strain
curves, and we interpret the film response to be that
of a viscoelastic melt (liquid). All three molecular weight
films showed qualitatively similar mechanical response,
though for a given loading condition, 44K molecular
weight extruded to thinner residual thickness than the

higher molecular weight films. Figure 4a shows chain-
length-dependent viscoelastic behavior for the three
molecular weight films at 115 °C loaded at identical,
slow rates of 12.5 MPa/s, increasing flow resistance (i.e.,
viscosity) with increasing molecular weight, following
the expected bulk trend. Figure 4b shows creep curves
(i.e., residual film thickness vs time) measured for the
three molecular weight films at 105 and 120 °C after an
initial 12.5 MPa/s loading to a penetration depth of 40
nm. Measurements near T,”'* at 105 °C, which always
exhibited molecular weight independence under any
testable loading condition, also showed similar creep
response for all three molecular weight films. The mea-
surements at the higher 120 °C showed similar creep re-
sponse for films of 900K and 9000K molecular weight,
while films of 44K are more compliant than films of
higher molecular weight, as can be seen.

The amount of polymer extruded in yield-free flow
was also a function of loading conditions. After long
creep times, the residual film thickness of 9000K and
900K M, below the indenter die was dependent on the
initial loading-up rate, with high load rates resulting in
thinner residual film thickness than low load rates. How-
ever, the residual film thickness of the 44K M,, film was
independent of load rate for the highest load rates at-
tainable here. Figure 5a,b shows load versus displace-
ment curves for the 44K and 9000K M, films at 120 °C
during loading to 500 MPa with initial load-up rates
ranging from 12.5 to 1250 MPa/s. In the 44K M, film, re-
sidual film thickness after 50 s creep at 500 MPa was
nearly constant, regardless of load rate. In contrast, in-
creasing the load rate from 12.5 MPa/s to 125 or 1250
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MPa/s for the 9000K M, film decreased the residual
film thickness by over 60%. Films of 900K M,,, behaved
like films of 9000K M,,. This enhancement of polymer
displacement by initial load rate appears to require a
sufficient peak stress or strain to be achieved in order
to be activated. Figure 6a,b shows creep curves for the
9000K M,, film, holding load constant at 250 and 50
MPa, respectively, after loading at load rates from 12.5
to 1250 MPa/s. The initial load rate significantly influ-
enced residual film thickness during creep at 250 MPa
but had little effect when loading was limited to only 50
MPa.

In experimental conditions exhibiting a yield-free
viscoelastic melt-like mechanical response, creep flow
of the shortest chain length film under a modest peak
load of less than 100 MPa (generating extrusions from a
small initial indentation depth to a residual film thick-
ness as small as 10 nm) can be reasonably predicted by
simple viscous fluid theory. Figure 7 shows creep mea-
surements at constant load for films of 44K M, after
loading at 125 MPa/s to an initial depth of 40 nm for
temperatures from 105 to 125 °C. Solid lines in Figure
7 represent experimental measurements, and dotted
lines represent least-squares curve fits for creep of a
fluid with effective Newtonian viscosity under constant
load. The small oscillations in creep measurements at
120 and 125 °C (Figure 7a) were instrumentation arti-
facts due to dynamic damping of the superimposed
harmonic load. We found that a simple Newtonian fluid
with a no-slip boundary condition best fit these
squeeze flow creep measurements for 44K M,,,*® as full-
slip boundary conditions did not properly capture the
steep change in film thickness during the initial stages
of creep. The degree of agreement along the curves
seemed to improve as the temperature increased. The
no-slip boundary condition predicted by the curve fit is
surprising, considering that bulk rheology measure-
ments predict some amount of slip to occur above a
wall shear stress of 0.1 MPa.>°

Figure 7b shows the best-fit temperature-
dependent effective Newtonian viscosity for 44K M,, to
creep curves in Figure 7a along with zero shear viscos-
ity predictions of bulk viscoelastic melt theory. The
theoretical curve is the Williams-Landel-Ferry (WLF) fit
to 58k M,, PS measurements of Schulz et al.,'" scaled to
experimental conditions by the M,, ratio to the 3.4
power. Experimental effective viscosity versus tempera-
ture curves from 110 to 125 °C had nearly the same
slope as bulk zero shear theory, though experimental
values were shifted to lower temperatures by a con-
stant 5 °C horizontal offset from the WLF theoretical
zero shear values. The 5 °C offset may be attributable
to thermocouple calibration, unaccounted for elastic
components of flow, hydrostatic stress influences, or
thin-film polymer mobility modified from the bulk.

Creep flow in 900K and 9000K M, films exhibiting a
yield-free viscoelastic melt-like mechanical response
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Figure 4. Chain-length-dependent viscoelastic behavior for 9000K,
900K, and 44K M,, PS at 115 °C. (a) Loading measurements show that
films of 44K M,, extrude to thinner residual film thickness than films
of 900K M,,, which in turn extrude to thinner residual film thickness
than films of 9000K M,,. (b) Creep measurements after an initial pen-
etration depth of 40 nm show similar response in all M,, films near
T,. At temperatures well above T, high-molecular-weight films of
9000K behave like films of 900K M,,, while films of 44K M,, show a
more compliant response.

suggested a shear-thinning behavior governing flow,
as the reptation time constants for both films were well
above the experimental time scale at the temperatures
investigated. No-slip power law fluid predictions, where
n = m¥y"", with 7 the shear-rate-dependent viscosity,
¥ the shear rate, and n the shear-thinning exponent,
compared well to measurements in 9000K and 900K M,
films during extrusions down to 45 nm residual film
thickness (measurements and predictions not shown).
However, interpretation of measurements in 900K and
9000K M,,, films and comparisons of the film behavior to
bulk values are difficult endeavors, as the low tempera-
tures and confined state of the films require several
tenuous assumptions to fit the film behavior to one of
a variety of rheological constitutive models.

Thin-film polymer mechanical properties measured
here during squeeze flow extrusions in entangled poly-
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Figure 5. During creep after loading at high load rates (possibly
modifying the entanglement network), deeper extrusions occur
than when loading at low load rates in high-M,, polymer. (a) Load
versus displacement curves in 44K M,, polystyrene at 120 °C load-
ing to 500 MPa at rates from 12.5 to 1250 MPa/s. In this low-
molecular-weight system, final creep depth is independent of load
rate. (b) Load versus displacement curves in 9000K M,, at 120 °C
loading to 500 MPa at rates from 12.5 to 1250 MPa/s. Here, final
creep depth after loading at 125 and 1250 MPa/s is greater than fi-
nal creep depth after loading at 12.5 MPa/s.

styrene systems qualitatively agree with forms that
might be expected from bulk glassy and viscoelastic de-
formation, regardless of initial or instantaneous confine-
ment ratio (i.e., ratio of residual film thickness below
punch to radius of gyration). During loading exhibiting
a yield-knee, the films possess molecular-weight-
independent, glass-like plasticity as expected from
bulk continuum mechanics for PS; this suggests an
identical nature of chain entanglement for all three
films.*®*' During yield-free loading of an apparent vis-
coelastic melt state, diverging stress—strain curves indi-
cate a broken molecular weight degeneracy, as would
be expected in bulk polymer, and even shorter chain
films of 44K M,,, seem to follow bulk viscoelastic trends.
This result concurs with the M,, dependence of flow
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characteristics reported for nanoimprint structure relax-
ation studies.*?

The M,, degeneracy remains unaffected by spatial
confinement arising during extrusion from an initial
film thickness of 170 nm down to ~50 nm residual film
thickness. In bulk polymers, deformations in the glassy
state perturb segments of polymer chain less than the
entanglement spacing or tube diameter, about 5 nm in
entangled PS systems. Deformations during elastic
loading result from short-range molecular motions,**
while deformations during yielding and post-yield plas-
tic flow at small strains result in cooperative molecular
motions associated with glass-rubber « transitions on
the length scale of one tube diameter or smaller.**44-4¢
For the thin films measured here, elastic loading, yield
stress, and post-yield plastic flow properties are identi-
cal for extrusions from an initial film thickness of 1770 nm
down to ~50 nm or residual film thicknesses of 0.6R;,
1.9R,, and 8.3R for films of M,, = 9000K, 900K, and 44K,
respectively. These measurements suggest that short-
range molecular motions are largely unaffected by ini-
tial or instantaneous confinement ratio. Additionally,
these results also show that the frictional boundary con-
dition between the indenter and films was virtually
identical and not affected by chain length or particular
sample preparation variations. This condition is particu-
larly important for self-consistent measurements, where
the forming stress during upset forging of squat plas-
tic samples, as for the thin-film squeezing of these ex-
periments, can be highly sensitive to frictional bound-
ary conditions.*”

Similar to bulk viscoelastic melt theory, the thin-
film viscoelastic melt mechanical properties measured
here are dependent on M,,, as conformational changes
of extended polymer chain segments are unlocked at T
> T,. In bulk polymer systems, viscosity or resistance
to flow depends on full chain length and scales by
M,>*. Although the viscoelastic properties of films of
900K and 9000K M,,, are difficult to analyze in this work
due to experimentally inaccessible reptation time con-
stants, films of 44K M, have theoretical reptation time
constants less than the experimental flow time scale at
120 and 125 °C. Short-chain 44K M, PS with M, just
above M_ = 35K behaves like a simple WLF
temperature-dependent no-slip fluid with an effective
Newtonian viscosity near the theoretical zero shear vis-
cosity during extrusions from 170 to 10 nm or 1.5R,
film thickness. However, the experimentally determined
effective viscosity for a given temperature is lower than
bulk WLF zero shear theory predicts, with the mea-
sured viscosity curve shifted horizontally by 5 °C from
the theoretical viscosity curve. The low effective viscos-
ity values are surprising, considering that the high hy-
drostatic pressure during measurement could shrink
free volume and increase flow resistance.*® The lower
effective viscosity could be due to thermocouple cali-
bration error, partial wall slip, enhanced surface layer
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mobility in thin films,"”"'® or shear-rate-dependent be-

havior and elastic components of flow, as seen in dewet-
ting studies of thin films.*® The lower effective viscos-
ity is not likely caused solely by shear-thinning
behavior, as several rheological studies show Newto-
nian fluid response at high shear rates for fluids of M,
= M_.>°>" Shear-thinning in 44K M,, PS might result in
a viscosity similar to that of 35K M, PS; however, shear-
thinning would not be expected to cause observed vis-
cosities significantly lower than the Newtonian viscos-
ity of 35K M, PS.

The offset between measured viscosity and WLF
theoretical viscosity remains constant at 5 °C from 110
to 125 °C, indicating that the final extrusion depth, even
down to 10 nm, does not influence the measured vis-
cosity. The time-temperature scaling of the measure-
ments suggests that WLF time-temperature scaling is
also independent of initial or instantaneous confine-
ment ratio. The self-consistent measurements for all M,,,
films described in this paper, during extrusions to re-
sidual film thicknesses from 10 to 60 nm at tempera-
tures from 105 to 125 °C, suggest that the state of poly-
mer chain entanglement given by the initial film
thickness, rather than the instantaneous extruded film
thickness, governs polymer mechanical properties dur-
ing squeezing on time scales relevant to nanoimprint
manufacturing.

We also observed that large-strain deformations at
high load rates can reduce the residual film thickness
of high-M,,, materials during squeeze flow. Here, high
strain rates force polymer melts to respond in an elas-
tic mode (before yield ensues), deforming network con-
straints and entanglement orientation rather than in-
ducing large relative motion of polymer molecules. For
highly entangled systems, the deformation occurs on
time scales much shorter than full-chain diffusion time
constants, as structural reorganization governed by full-
chain diffusion scales with M,,*# at T > T_. We pro-
pose that large-strain loading =125 MPa/s was suffi-
ciently fast to change the mechanics of extrusions in
highly entangled 9000K and 900K M,,, but not in slightly
entangled 44K M,,. The change in mechanics results
from elastic deformation aligning the entanglement
network, possibly enhancing slip at the
polymer—silicon interface, with the deformation field
changing from a sheared squeeze flow toward a biax-
ial extensional flow. Segmental alignment could also re-
sult from plastic yield processes arising from the high
stresses generated, as molecular dynamics simulations
suggest.>? Holding load to perform creep after altering
network constraints allows polymer relaxations to occur
with enhanced flow properties. For low-M,, samples
such as 44K M,,, the short polymer chains quickly re-
lax, dissipating any elastic stresses of network strain
built in during loading, and effectively resist the ten-
dency to undergo network alteration by rapid loading.
Thus, the ultimate residual film thickness following
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Figure 6. (a) Creep curves in 9000K M,, PS at 120 °C after loading to
250 MPa at rates from 12.5 to 1250 MPa/s. Final creep depth depends
on load rate during load. (b) Creep curves in 9000K M,, PS at 120 °C af-
ter loading to 50 MPa at rates from 12.5 to 500 MPa/s. Load rate does
not influence final creep depth for creep at 50 MPa.

creep after loading is independent of load rate for
short-chain polymers. One is left with the surprising
and technologically interesting situation that a long-
chain entangled melt can be thinned equivalently to a
short-chain version due to an apparent susceptibility to
network conditioning by rapid loading.

Overall, the experimental results indicate new oppor-
tunities for investigating polymer flow physics at small
length scales. The geometry of the flat punch probe al-
lows quantitative comparison of stress—strain behavior in
thin polymer films over the range of 10-300 nm under a
wide range of mechanical conditions, which is a capability
not previously available to the nanomechanics commu-
nity. The quality of our results demonstrates highly consis-
tent trends across a wide parameter set of temperature,
stress rate, and molecular weight. The step of making
comprehensive quantitative comparison with bulk poly-
mer mechanics theory and experiment will be aided by
establishing a rheometric flow with verified low friction
boundary conditions, and ultimately nanoscopic flow
field visualization techniques if they can be developed.
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Figure 7. Bulk viscoelastic theory with no-slip boundary conditions
predicts creep response of 44K M,, PS after small-strain loading. The
solid lines represent measurements while the dotted lines are no-
slip curve fits. (a) Creep measurements in 44K M,, and correspond-
ing Newtonian fluid curve fits with no-slip boundary conditions. Os-
cillations in experimental curves are instrumental artifacts due to
damping of superimposed harmonic load. (b) Best-fit Newtonian vis-
cosity for 44K M,, as a function of temperature and corresponding
Williams-Landel-Ferry (WLF) theoretical zero shear viscosity. Experi-
ment shows a constant 5 °C offset from WLF theory.

This end may also benefit from the introduction of strain-
rate-controlled deformation history. Not explicitly stud-
ied here is the effect of confinement in the thin polymer
films, both above and below T,. While in a few of the
cases the polymer films are squeezed to a thickness less
than the bulk radius of gyration, it would be interesting to
compare stress—strain curves with polymer films in which
the initial polymer film thickness is less than the bulk ra-
dius of gyration.

The results of this study provide insight into pro-
cess conditions for nanoimprint lithography. As previ-

EXPERIMENTAL METHODS

Polymer Sample Preparation. Polystyrene was chosen as a rep-
resentative amorphous polymer standard with well-studied
film thickness dependence of T, and non-adhering surface in-
teractions with native silicon oxide surfaces.?>* Three nar-
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ously reported, squeeze flow between the flat tool and
the hard substrate governs the dynamics of polymer
flow and cavity filling during NIL>"'2 The squeeze flow
is somewhat less important for the case of a very thick
polymer film and complete filling of the tool cavities.>™”
However, for IC fabrication, or for other applications
where residual polymer thickness (“mold flash”) is to
be reduced, the polymer flow dynamics are completely
governed by long-range polymer squeeze flow.> This

is true even for the case where there are many cavities
in the tool of vastly different sizes.” From the present
study, we can conclude that, for high-M,, films above
the entanglement threshold, such as those that are
most often used in NIL, high loads and high load rates
can produce lower residual film thickness than low
loads and low load rates.

CONCLUSION

This paper investigates molecular-scale polymer me-
chanical deformation during large-strain squeeze flow
processing conditions relevant to nanoimprint lithogra-
phy. Instrumented nanoimprint experiments probed
the effect of polymer R, and M,, on mechanical re-
sponse, extruding PS films from an initial thickness of
170 nm to a residual film thickness of 10 nm. Load-
displacement and creep relations were measured in
9000K, 900K, and 44K M,, PS over temperatures rang-
ing from 20 to 125 °C and load rates from 12.5 to 1250
MPa/s.

The measurements showed that the structure of
the initial film thickness, not the instantaneous re-
sidual film thickness, determines the state of polymer
entanglements, with mechanical properties similar to
bulk predictions for films with initial thickness >2R .
The yield-free response of 44K M,, films was well-
approximated by theoretical predictions from bulk,
with near-WLF time-temperature scaling. Films of
9000K M,, PS, during extrusions from 2R, to 0.5R,, be-
haved like films of 900K M,, PS. During large-strain ex-
trusions of high-M,, polymer melts, high load rates re-
sulted in thinner residual films than low load rates. The
measurements suggest that, for high-M,, thin films, NIL
mold flash can be reduced at high strain and high strain
rate. Since it has well-defined contact area and surface
interactions, NIL squeeze flow can investigate polymer
physics from length scales near the polymer tube diam-
eter to well above the polymer coil radius. Reliable
large -strain mechanical testing of thin polymer films
should assist the engineering of nanostructured materi-
als and processes.

row M,, distributions of PS were investigated, with two highly
entangled polymeric systems and one system just above
the critical entanglement molecular weight, M. = 35K.>3
9000K M,, PS with polydispersity index PDI = 1.22 was ob-
tained from Polymer Source, and 900K M,, PS with PDI = 1.10
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and 44K M, PS with PDI = 1.07 were obtained from Scien-
tific Polymer.

It is understood that thin-film polymer preparation tech-
niques may be the source of conflicting results between various
reports. In our experiments, thin films were prepared to a thick-
ness of 170 = 3 nm by spin-casting dilute solutions of PS in tolu-
ene onto lithographic-grade polished silicon wafers. Wafers
were initially cleaned by acetone, methanol, and deionized wa-
ter rinse, followed by a 20 min dehydration bake at 120 °C. PS
samples were annealed at 150 °C for 120 min in air to reduce
spin-casting-induced internal stresses,®* with heating and cool-
ing ramps <5 °C/min, holding the temperature for 15 min every
25 °C increment. PS samples were aged for 5 months at 20 °C
prior to testing and showed no signs of large-scale dewetting.
A Woollam M-2000 ellipsometer measured the resulting film
thickness with standard deviation <5.0 nm.

Instrumented Nanoimprint Setup. A commercial nanoindentation
system, Nanoindenter XP from MTS Systems, embossed the poly-
mer films. Details of the modifications to the nanoindentation
system for temperature-controlled squeeze flow embossing are
described elsewhere®” and only briefly summarized here. The
nanoindenter system is capable of displacement sensing with
precision <1 nm. Focused ion-beam milling shaped a 1 mm di-
ameter polished single-crystal silicon sphere (roughness ~2 nm
rms) nanoindenter tool into a flat punch of height 550 = 100 nm
and diameter 1600 = 50 nm. Surface mount resistors and a ther-
mocouple were epoxied to the silicon sphere. Silicon-supported
PS samples were fixed to a thermoelectric heater, and a thermo-
couple was mounted 2 mm from the PS samples. The heater
was glued to thermally insulating ceramic fixed to a tilt stage.
All PS samples were aligned to the flat punch silicon molds to
less than 0.1°, as measured by in situ AFM imaging of the shallow-
est flat punch replications into the polymer. Thermocouples
were calibrated to within 0.1 °C. The temperature-controlled in-
strumented nanoimprint measurements were performed at tem-
peratures from 20 to 125 °C. With stringent alignment,” the
measurements deviate slightly from true squeeze flow and
uniaxial compression tests due to edge constraint of surround-
ing film, but the large aspect ratio of the tool diameter to film
thickness and the high pressure between the nanoimprint tool
and substrate reduces the influence of edge effects on measured
properties.>>>¢ With full-slip boundary conditions, the measure-
ments closely approximate uniaxial compression.

Measurements. Measurements were performed under direct
current loading control. A superimposed alternating current
modulation®” provided an additional 45 Hz sinusoidal loading;
this was feedback regulated throughout the test to provide a
constant 2 nm vertical amplitude oscillation. Both the amplitude
and phase of the resulting alternating current displacement
were recorded. The oscillatory load enabled sensitive detection
of the initial mold/surface contact to within 2 nm, as well as dy-
namic stiffness measurement.®” All tests followed an identical
five-part loading history: (1) Detect arrival of mold at surface and
then load at constant load rate to predetermined load or depth.
(2) Hold load and allow creep for 40-50 s. (3) Load at 50 MPa/s
to 900 MPa. (4) Hold load for 20—25 s to allow high load creep to
cease and then hold load for 20-25 s to measure thermal drift
displacement rate. (5) Unload at 50 MPa/s to 50 MPa, hold for
10 s, and then unload at slow load rate of 12.5 MPa/s to mini-
mize adhesion upon demolding. Due to the constant contact
area, load is readily converted to mean contact pressure. Like-
wise, loading rates of change directly determine contact pres-
sure rates of change. Over two decades of loading rates were
tested between 12.5 and 1250 MPa/s. Three identical tests were
recorded for each loading condition at virgin sample locations
precisely separated by 7 um.

For non-room-temperature testing, PS samples were heated
at 1 °C/min and held at 80 °C overnight for temperature equili-
bration. Indenter and stage thermocouples were calibrated at 80
°C by sweeping the power applied to the nanoimprint mold re-
sistors such that the temperature of the nanoimprint mold did
not change during approach and retraction from the sample.
Critically, this indicated isothermal contact conditions at the
stage temperature.’” Measurements were made at tempera-
tures up to 125 °C after heating at 1 °C/min and holding the de-
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sired temperature for 30 min per 5 °C heating increment to al-
low thermal equilibration. Thermal drift displacement rates were
<0.25 nm/s for all temperatures.

The influence of sample preparation on glassy properties
was tested by recording measurements in the glassy state after
controlled heating and cooling above T,. Minimal changes in
mechanical response before and after heating above T indi-
cated only a slight influence of physical aging due to sample
preparation. Molds were cleaned for 15 min with oxygen plasma
before testing pristine PS samples. The oxygen plasma slightly
etched the molds, rounding the mold edges after multiple clean-
ings. However, measurements on identical materials before and
after multiple cleanings showed no discernible change in me-
chanical signal.
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